The ferritic superalloy, Fe-10Ni-6.5Al-10Cr-3.4Mo strengthened by ordered (Ni,Fe)Al B2-type precipitates, is a candidate material for ultra supercritical steam turbine applications above 923 K. Despite earlier success in improving the room temperature ductility, the creep resistance of this material at high temperatures needs to be further improved, which requires a fundamental understanding of the high-temperature deformation mechanisms at the scales of individual phases and grains. In situ neutron diffraction has been utilized to investigate the lattice strain evolution and the microscopic load sharing mechanisms during tensile deformation of this ferritic superalloy at elevated temperatures. Finite element simulations based on the crystal plasticity theory are employed to compare with the experimental results, both qualitatively and quantitatively. Based on these interphase and intergranular load-partitioning studies, it is found that the deformation mechanisms change from dislocation slip to those related to dislocation climb, diffusional flow and possibly grain boundary sliding, below and above 873 K, respectively. Insights on microstructural design in enhancing creep resistance are also discussed.
Introduction
Ferritic steels currently used in power plants are limited to a temperature range of 723 to 873 K and a stress level of 15 to 100 MPa, due to the limited creep resistance and poor corrosion resistance at high temperatures. To improve the thermal efficiency of steam turbines, there is a need to raise the steam temperature in ultra-supercritical steam turbines to 1,033 K in the near future. To this end, a class of precipitation strengthened ferritic superalloys has been developed and fabricated by vacuum arc melting and vacuum induction melting methods [1] [2] [3] [4] [5] [6] [7] [8] [9] . In analogy to the microstructure of Ni-based superalloys, the β/β΄ ferritic superalloy has the A2-type (Strukturbericht notation) disordered body-centered-cubic (bcc) matrix (also called β phase throughout the context). The strengthening phase is the ordered B2-type (Strukturbericht notation of CsCl-type crystal structure) NiAl precipitates (also called β΄ phase throughout the context). The β΄ phase has a volume fraction below 20%, and is coherent with the β matrix. The alloy is designed as a candidate structural material for ultra supercritical steam-turbine applications above 923 K. Two critical issues with this class of materials are the limited creep properties above 873K and the poor room temperature ductility. Thus, our previous research focuses on the microstructural characterization of precipitates, effect of chemistry on the microstructure and room-temperature mechanical properties, and computational design of optimized compositions for ductility enhancement [1] [2] [3] [4] [5] [6] . The creep properties were investigated from the role of microstructures and from the search for slow diffusing elements to reduce coarsening and therefore creep rates [7, 8] .
Further optimization of the high temperature mechanical properties of these materials requires a fundamental understanding of the deformation mechanisms at the polycrystalline 3 grain level and the β/β' phase level [7] [8] [9] .
The underlying strengthening mechanisms in precipitation-or dispersion-strengthened materials can be generally divided into two categories: strengthening through the load transfer mechanism for large particles (e.g., micron-scale reinforcement in composites) and strengthening through elastic interactions between dislocations and precipitates, especially for the nano-sized precipitates [10] . Transmission electron microscopy (TEM) is the preferred experimental technique to characterize dislocation-particle interactions [9] , while the diffraction technique has become a popular way to identify the load transfer behavior in multiphase materials. Neutron diffraction (ND) takes advantage of the large beam size and deep penetration capability, and thus is able to provide a statistical measure of the lattice spacing averaged over a large number of grains inside polycrystalline materials. With in situ loading and heating capabilities, the dynamic evolution of lattice strain, texture, and peak width can be further investigated under different temperatures or various loading modes.
In recent works that utilize in situ ND measurements under tensile or creep deformation [11] [12] [13] , the understanding of deformation mechanisms in γ/γ΄ Ni-based superalloys has been advanced by the demonstration of a slip system change in γ΄ phase, investigation of load sharing between γ and γ΄ phases, estimate of the critical resolved shear stress (CRSS) for γ΄, and determination of constrained thermal expansion coefficients. The accurate determination of lattice strains in γ and γ΄ phases is always complicated because of the low lattice misfit between γ and γ΄ and the resulting overlapping of their fundamental reflection peaks. ND can easily detect the relatively high diffraction intensity from γ΄ superlattice reflections, if the superalloy contains an intermediate to high volume percentage of γ΄ (typically > 40 vol. %). 4 On the other hand, diffraction studies of superalloys with a low volume fraction of γ΄ pose additional requirements on the instrument resolution and neutron beam, if high data quality and sensitivity are desired.
In this work, we present high-temperature thermomechanical loading and in situ neutron diffraction studies on the above-mentioend β/β΄ ferritic superalloy. The microstructure-based understanding of the deformation mechanisms will be derived from information gained on the phase-level and grain-level, e.g., how the applied load is partitioned among different grain families and between the two phases. The above understanding critically relies on high quality experiments to resolve the low intensity superlattice diffraction peaks of the β΄ phase.
Recently, the development of the state-of-the-art thermomechanical loading capabilities and high neutron flux at the VULCAN Engineering Materials Diffractometer of the Spallation Neutron Source (SNS), Oak Ridge National Laboratory (ORNL), opens unique opportunities for advanced structural materials research and enables the improved capability of quantitatively characterizing the secondary phases with low volume fractions and low intensity peaks [14, 15] . Therefore, using this capability in this work, lattice strain measurements were conducted under the quasi-static tensile deformation in the temperature range of 623 to 973 K. Here, the quasi-static tension refers to a step-wise load-and-hold at different stress levels for the collection of diffraction data, as opposed to a continuous loading with a constant strain rate. Evolution of load-sharing mechanisms at grain and phase levels is investigated in plastic deformation regimes. The interpretation of load transfer is supported by a crystal plasticity finite element simulation that includes the effect of creep on the temporal lattice strain evolution. The results demonstrate that a change of deformation 5 mechanisms as a function of stress and temperature could be identified through different diffraction signatures, as reflected by lattice strain, peak width, or peak intensity.
Method

Material
The nominal composition is Fe-12.7Al-10.2Cr-9Ni-1.9Mo-0.14Zr-0.024B, in atomic percent (at.%), or Fe-6.5Al-10Cr-10Ni-3.4Mo-0.25Zr-0.005B, in wt.%. The ingot was fabricated by induction melting at Sophisticated Alloys, Inc. Rods cut from the ingot were sealed in quartz tubes under vacuum for the purpose of subsequent heat treatment, which included homogenization at 1,473 K for 30 minutes, followed by air cooling, aging at 973 K for 100 hours, and then air cooling. The average grain size was ~100 μm, and the polycrystalline material was slightly textured. The slight texture was indicated by a value of 2 for the spherical harmonics preferred orientation correction factor in GSAS software when fitting the measured diffraction pattern. Inside each grain, there was a homogeneous distribution of β΄ precipitates with an average diameter of 130 nm and a volume fraction of ~18%. The volume fraction was determined in our previous works by atom probe tomography (APT), analytical electron microscopy (AEM), and ultra-small-angle X-ray scattering [1, 7] . The corresponding transmission electron microscopy images have been shown previously in [1] .
Neutron Diffraction Experiments
Screw-threaded cylindrical samples with a gauge length of 40 mm and a gauge diameter of 6.75 mm were prepared for in situ tensile experiments. The neutron diffraction 6 experiments were conducted at the VULCAN instrument [14, 15] . The measurable diffraction d-spacing range of 0.5~3.5 Å was obtained by using a chopper setting of 20 Hz spinning frequency. The diffraction geometry provided lattice strain measurements parallel and perpendicular to the loading directions (i.e., both axial and transverse directions with respect to the sample geometry). The incident beam size was defined by a 6-mm horizontal & 6-mm vertical incident slit and a set of 5-mm collimators. Because of the lack of a high temperature extensometer, the cross-head displacement was used to estimate macroscopic strains at elevated temperatures. The sample was loaded with high-temperature water-cooled grips on the VULCAN-MTS load frame and heated by the copper induction coils. The sample was maintained in the middle of the induction coils, as shown in Fig. 1(a) . The open configuration of the heating coil allows the neutron beam to diffract only from the sample without shadowing from the copper tube. The temperature gradient in the sample gauge length was measured by an infrared camera, which was verified to be within 10 K in the neutron gauge length at various testing temperatures up to 1,273 K. An example of the infrared camera image is exhibited in Fig. 1(b) . Two K-type thermocouples were spot welded at the center of the sample gauge length and ~4 mm away from the center, respectively. The central thermocouple was for the sample temperature control, while the off-central one was used to monitor the temperature difference with respect to the central one and also to set a maximum temperature limit to protect from overheating. In situ tension experiments were performed under a constant load control mode with stepwise-loading schedules at isothermal conditions of 623, 773, 873, and 973 K. The ND data were collected for 40 minutes at each stress level.
Three stress levels were chosen for unloading, if the sample did not fracture at the maximum 7 applied load. Peak fitting was done using the VDRIVE software [16] .
A typical ND pattern measured at the VULCAN instrument is displayed in Fig. 2(a) , with the normalized intensity on a logarithmic scale. The coherency between the precipitates and the matrix was demonstrated by the observed overlapping β and β΄ fundamental reflections (i.e., 110, 200, 211, 220, and 310 peaks) and β΄ superlattice reflections (i.e., 100, 111, and 210 peaks).
As illustrated in Fig. 3 , from ND measurements of multiphased polycrystalline materials, three types of elastic lattice strains can be obtained, including the average phase strain, the (hkl) plane-specific lattice strain, and the intragranular local phase strain, which represent diffraction peak shifts and statistical averages of different families of grains and phases. The last two types of strains can be used to reveal load-sharing mechanisms at the interphase and intergranular levels. The first type of lattice strain -the average phase strain is defined as the volume averaged lattice strain of an individual phase, and is determined from the Rietveld
where a 0 is the reference lattice parameter prior to deformation, and a is the lattice parameter for the stressed β or β΄ phases. Figure 3 (a) schematically shows that it is the average value over the measured sample volume for both phases. The second type of lattice strain -the (hkl) plane-specific lattice strain is described as the average lattice strain accumulated in the As shown in Fig. 2 (b), attempts were made to separate the (200) peak using the summation of two Gaussian profiles using the method described in [17] . The Using Eq. (5) and (6), the structure factor of β phase at (200) 
Crystal Plasticity Finite Element Simulation
The crystal plasticity finite element simulation (CPFEM) was utilized to simulate the elastic-plastic response of (hkl) lattice strains as a function of stress and to compare with experimental results. The crystal plasticity model considered the slip deformation inside each grain and the yielding sequence of different grains as governed by the grain orientation, elastic modulus, and Schmid factor of specific slip systems. CPFEM has the capability to predict the evolution of (i) the intergranular strain caused by the orientation-dependent yield sequence and the geometric incompatibility at grain boundaries, and (ii) the interphase strain caused by different critical resolved shear stresses of individual phases. The framework of the CPFEM methodology and the constitutive equations governing deformation within grains can be found in [18] [19] [20] . In these works, the plastic strain rate was determined from a summation of slip rates over all slip systems, appropriately weighted by the tensor products of their respective slip directions and slip plane normals. For a given slip system, the slip rate relates to the resolved shear stress by a postulated flow rule, e.g., the power law form in the classic Peirce-Asaro-Needleman model [19] , while the slip strength is governed by a hardening equation which may depend on the slip strains on all slip systems.
Following the work in [20] , we modified the ABAQUS user-defined material (UMAT) 11 subroutine there to consider the β/β΄ phases with different material properties. The system was a polycrystalline aggregate containing 1,000 cubic grains with a random texture. There were 3 x 3 x 3 grids, or equivalently representing 27 elements, in each grain. 5 elements were randomly assigned with the material parameters of the precipitate phase according to the volume fraction of ~ 18%, and the remaining elements were assigned with the matrix material parameters. Elements inside each grain had the same crystallographic orientation, which mimicked the cube-on-cube orientation of the matrix and the precipitates in the real alloy system. The calculated (hkl) lattice strain was a volume average of the projected elastic strains in a subset of grains whose (hkl) plane normal was parallel to the diffraction vector. To improve the statistics of the model, we assigned grain orientations within a difference of 5º relative to each <hkl> direction to ensure that 1% ~ 2% of the total 1,000 grains can be selected for each <hkl> direction. Similarly, different subsets of elements the matrix and precipitate phases with specific <hkl> orientations were volume averaged to calculate the intragranular local phase strain. Input material parameters for CPFEM included stiffness C 11 , C 12 , and C 44 as the single crystal elastic constants for cubic materials, the stress exponent n, the initial hardening modulus h 0 , the initial slip strength  0 (equivalent to CRSS), the saturation slip strength  s , and the latent hardening parameter q, for both the matrix and the precipitate phases [18] [19] [20] . The choice of elastic constants is discussed in the next paragraph, but others will be deferred to Section 4.3.
Since there were no available experimental data of the single crystal elastic constants for the disordered Fe matrix dissolved with Ni, Al, Mo, Cr, and ordered B2 precipitates containing Fe, Ni, and Al, we estimated their elastic constants from the polycrystalline 12 diffraction data. This calculation is of practical importance because single crystal elastic constants as a function of temperature are usually not available for many multicomponent polycrystalline materials, especially the newly designed alloys. Voigt, Reuss, and Kroner models are widely used to calculate the isotropic elastic properties of a polycrystalline bulk material from the single crystal elastic constants of its individual grains. To obtain the single crystal elastic constants from polycrystalline diffraction data is an inverse problem. We followed the method in [21] within the modified Kroner model to determine the single crystal stiffness through least squares fitting to the measured orientation-dependent diffraction elastic constants by in situ neutron diffraction. From the diffraction-peak specific elastic constants, E hkl and ν hkl , we determined constants, S 1 (hkl) and S 2 (hkl), as
The calculation assumed that the polycrystal is texture free and, therefore, ruled out the effect of texture on the diffraction elastic constants. The least squares fitting covered the different measured hkl directions, ranging from the most compliant lattice plane (200) in the cubic structure to the stiffest lattice plane (222). Further refinement of single crystal elastic constants was performed by tuning the values of input stiffness in CPFEM to fit the ND measurements.
Results
Macroscopic Stress-Strain Behavior
The macroscopic stress-strain curves are displayed in Fig. 4 for the in situ tension 13 experiments, with strains estimated from the crosshead displacement of the loading frame.
Note that creep strain accumulation becomes apparent during load holding at high stress levels above 773 K. Although the use of crosshead displacement limits our ability to accurately determine the macroscopic strain, we can still derive the macroscopic yield stress and draw the qualitative correlation between macroscopic strains and microscopic lattice strains. The macroscopic yield stress as a function of temperature is plotted in Fig. 5, together with the 0.2% compressive yield stress of a similar alloy, Fe-21.5Ni-12.5Al-10Cr (wt.%), containing a higher volume fraction of B2 phases [22, 23] . The measured yield stress exhibits a similar trend as results in [5] but with lower magnitude because of the reduced β΄ volume fraction. Above 873 K, there is a strong decrease in yield strength of 70% ~ 80%, relative to the value at 623 K.
Evolution of (hkl) Plane-Specific Lattice Strains
The evolution of (hkl) plane-specific lattice strains as a function of stress and temperature are displayed in Fig. 6 . The values of the orientation-dependent diffraction elastic constants, E D,hkl , for the matrix and precipitate phases are calculated by the ratio of the measured (hkl) plane-specific lattice strains and applied stress, as summarized in Table 1 The residual lattice strain upon unloading also verifies this trend of intergranular load transfer.
The (211) orientation shows a linear response throughout the loading process. The intergranular strain development is not obvious at 973 K as shown in Fig. 6(d) .
It has been shown in [20, 24] that the sequence of grain families that yield is determined by the magnitude of the strength-to-stiffness ratio, i.e., the ratio of yield stress over directional modulus for a specific <hkl> orientation. This conclusion is derived based on the Taylor model, which assumes that all the grains deform in an iso-strain manner, so that yielding occurs first for the orientations with the lowest ratios. The magnitude of the strength-to-stiffness ratio is inversely proportional to the product of the directional modulus and Schmid factor, as listed in Table 1 for various orientations, which suggests a low ratio for 
Evolution of Intragranular, Local Phase Strains
It should be emphasized that (hkl) plane-specific lattice strains are superimposed on the intragranular β and β΄ local phase strains due to their coherency. Therefore, determining the intragranular phase strain inside (hkl) oriented grains is the only way to understand the deformation micro-mechanisms in local phases. The evolution of intragranular local phase strains along the axial direction is exhibited in Fig. 7 . We select (420) and (200) oriented grains to study the intragranular local phase strains due to the relative high intensities of their corresponding (210) and (100) superlattice peaks and their different signs of residual 16 intergranular strains (compressive and tensile), as stated in Section 3.2.
When the (420) oriented grains yield at 623 K under 660 MPa [ Fig. 6(a) ], the matrix phase inside (420) oriented grains actually yield first, and the load is subsequently transferred to the precipitates, which is evident by the splitting of the (420) local phase strains in Fig.   7 (a). Such interphase load transfer is mainly caused by the difference in slip strengths of the matrix and the precipitate phases. The yield stress of the precipitate phase is expected to be much higher than that of the matrix. Due to the high magnitude of the antiphase boundary energy (an experimentally-determined lower limit of 500 mJ/m 2 on {110} planes of the NiAl intermetallics [26] ), the precipitates may not yield even after the matrix undergoes plastic deformation.
As a result of the intergranular load transferred from (420) clearly demonstrates the load transferring behavior from the separation of diffraction peaks of the two phases. The interphase load transfer inside the (420) oriented grains at 873 K is also evident by the changes in the stress-lattice strain slopes of the β and β΄ phases above 160
MPa. However, the interphase lattice strain evolution is again not obvious during tension at 973 K as in Fig. 7(d) .
Evolution of Lattice Misfit
The lattice misfit under zero stress between β and β΄ phases inside (200) and (420) oriented grains is plotted in Fig. 8 as a function of temperature. The lattice misfit at room temperature is ~ -0.085%, which is within the range of the reported values of 0.14% for the Fe-Cr-Ni-Al alloy [27] , 0.2% for the Fe-Ni-Al alloy [28] , and -0.7% ~ 0.8% for the Fe-Ni-Al-Mo alloy with varying amount of Mo [29] . It is observed that lattice misfits in both (200) and (420) oriented grains increase by less than 0.1%, when the temperature is raised to 973 K. This trend indicates a slight reduction in the relative difference between the lattice parameters of the two phases. It is consistent with the slightly higher value of the thermal expansion coefficient in the β΄ phase (15.1 x 10 -6 K -1 for NiAl [26] ), as compared to the β phase (14.6 x 10 -6 K -1 for pure Fe [30] ). A rough estimate can also be performed using the Eshelby solution for isolated inclusion subjected to a thermal expansion mismatch [31] . The strain in the inclusion is a superposition of the thermal strain (i.e., T   ) and the elastic strain due to the matrix constraint, which is found to be about half of T   using the isotropic elastic constants and Poisson's ratio of 0.3. Therefore, the effective lattice misfit 18 obtained from the neutron diffraction from Fig. 8 gives us an estimate of the thermal expansion mismatch being   2 x 10 -6 K -1 .
The interphase load transfer within the plastic regime is also reflected by a change in the lattice misfit between β and β΄ phases under loading. The evolution of lattice misfit with respect to the macroscopic strain (determined from the crosshead displacement) is displayed in Fig. 9 for tension at 623 and 773 K. There is a substantial increase in the lattice misfit of both (200) and (420) oriented grains beyond the macroscopic strain of approximately 1.5%.
The increase of the (200) and (420) lattice misfit with increasing load in Fig. 9 again proves that the load is transferred to the precipitate phase and, thus, the elastic strain in the precipitate phase effectively increases the lattice misfit. However, again no clear trend of lattice misfit evolution is observed at 873 and 973 K.
Evolution of Precipitate Peak Width
Peak broadening provides the qualitative evaluation of microstructural features, including the size of the diffracting crystallites and microstrains caused by dislocations. The full width at half maximum (FWHM) of the overlapping matrix and precipitate peaks is not reported due to the following reasons: (i) FWHM of the fundamental reflections, such as the 200 peak, include the peak width information of both phases; and (ii) the average diameter of the precipitates in the aged state is ~130 nm, which causes additional peak broadening due to the small size of the precipitates. A meaningful solution to separate the overlapping hkl peaks for the accurate determination of both peak positions and widths for the β and β΄ phases is not available in the present work. 
Discussion
Temperature Dependence of Single Crystal Elastic Constants
Single crystal elastic constants, C 11 , C 12 , and C 44 , in the polycrystalline material have been determined from the measured ND data using the method described in [21] . The calculation is based on least squares fitting of the experimentally measured diffraction stiffness of specific orientations. Therefore, the calculated stiffness generally represents the single crystal elastic constants of the matrix phase. The stiffness of the precipitate phase is also calculated from the superlattice hkl peaks at 773 K, while data for other temperatures are not available due to the insufficient number of high quality superlattice peaks. As shown in Fig. 10 , the temperature effect on the matrix stiffness qualitatively agrees with the reported trend for pure α-Fe [32] . The elastic constants display a parabolic decline as the temperature goes up, and this trend becomes remarkable at temperatures above 773 K. Specifically, C 11 at 973 K is approximately 50% of its room-temperature value. The corresponding reductions in C 12 and C 44 at 973 K are 50% and 40%, with respect to their values at 300 K. As expected, we observe a nonlinear relationship between elastic constants and temperature, often described as the anomalous behavior of elastic constants in iron caused by magnetization [33] .
The precipitate phase shows similar values of elastic constants as compared to the matrix phase, which is consistent with the observed similarity in the (hkl) orientation-dependent modulus of the two phases. The determined single crystal stiffness values are utilized as the input for CPFEM simulations and are further refined in these calculations, as will be described shortly.
Temperature Dependence on Deformation Micro-mechanisms
20
The observed lattice strain evolution during in situ tension can be considered as the fingerprints for the different deformation mechanisms at different regimes, such as low temperature/high stress and high temperature/low stress regimes. It is reasonable to assume that the transition of the governing deformation mechanisms qualitatively follows the trend in a deformation map of the 1% Cr-Mo-V ferritic steel [34] . At low temperatures and high stress levels, deformation mechanisms are dominated by dislocation slip that obeys the Schmid law.
The experimental observations associated with this mechanism below 873 K are summarized as below:
( 1) The magnitudes of the different types of lattice strains are comparable to that of the macroscopic strain below 773 K;
(2) Intergranular strains are accumulated due to the elastic and plastic anisotropy of different grain orientations and geometric constraints or incompatibility imposed at grain boundaries;
The interphase load transfer from the matrix to the precipitate phase is remarkable after plastic yielding of most grains.
In contrast, at higher temperatures (973 K) and lower levels of applied stresses, deformation mechanisms are governed by the power law creep that arise from dislocation climb, diffusional flow, and/or grain boundary processes. The corresponding experimental observations are summarized as below:
(1) The magnitudes of the different types of (hkl) lattice strains are much lower than that of the macroscopic strain above 873 K at high stress levels;
(2) Intergranular and interphase load transfers are not as obvious as those during plastic 21 deformation at lower temperatures;
There is no evidence of precipitate peak broadening within the plastic regime.
As will be shown in Section 4.3, the lattice strain evolutions predicted by the Schmid-law-based crystal plasticity model only agree with the experiments at low temperatures (e.g., 773 K). The discrepancies at high temperatures may arise from several sources. For instance, the geometric constraints imposed by grain boundaries become very weak at high temperatures with increased grain boundary sliding and/or diffusional flows along grain boundaries [35] [36] [37] [38] [39] , which largely relax the accumulation of intergranular strains.
Similarly, diffusional flows along the matrix-precipitate interface can also relax the interphase strain, which leads to the ineffective load transfer from the matrix to the precipitate phase. Another possibility is diffusion-assisted dislocation climbing process inside the grains, and/or the interactions between these dislocations and precipitates. Because ND diffraction results only reveal the absence or insufficient generation of intergranular and interphase strains at high temperatures and under low stress levels, the dominant rate controlling process cannot be determined. A recent TEM study [9] has suggested the dominant mechanism be the climb of matrix dislocations by lattice diffusion, which is consistent with our neutron diffraction experimental results.
Comparison between CPFEM and Experimental Results
The intragranular local phase strains predicted by CPFEM are shown in Fig. 11 , in comparison to the experimental measurements during in situ tension at 773 K. Solid and dashed lines in Fig. 11 are predictions while symbols are experimental data. The input material parameters with the best fitting are listed in Table 2 . The slip system considered in 22 the simulation is {110} slip planes and <111> slip directions, as the primary slip system for bcc materials. Quantitative agreement within the elastic deformation regime at 773 K is remarkable. The elastic-plastic transition and subsequent load transfer from the matrix to the precipitate are well captured by the model. However, only qualitative agreement is obtained for plastic deformation above applied tensile stress of 600 MPa. The saturation of (hkl) lattice strains in the matrix and the substantial load transfer to the precipitate do not match perfectly with neutron diffraction measurements. The predicted compressive/tensile lattice strains accumulated in the matrix/precipitate are lower as compared to experimental results.
In Fig. 4(d) of the macroscopic stress-strain curve at 773 K, creep strains are severely accumulated during the 40 minutes load hold period above the applied stress of 600 MPa. As described by the iso-strain two-grain model in our previous work [8] , lattice strain drifting occurs during the constant stress hold, and the drifting direction is compressive for soft grains/phases and tensile for hard grains/phases. Therefore, it is expected that the average lattice strain for the β΄ phase during the long-time stress hold will increase, compared to the constant phase strain without stress hold. Based on this insight, we then modify the CPFEM simulation to include the load-and-hold effects for the lattice strain evolution above 550 MPa.
The modified model shows improvements in fitting the experimental data at high stress levels, as shown in Fig. 11(b) . In particular, the difference between the measured data and the predicted average precipitate lattice strains during stress hold at 600 and 660 MPa becomes smaller. The lattice strain drifting in both phases appears to split in opposite directions as expected in our reported in situ creep work [8] .
The choice of elastic constants in Table 2 has been given previously, and other model 23 parameters are discussed here. It is known that the slip strength, 0  , is related to the macroscopic yield strength of a polycrystal by the Taylor factor, which is about three for a bcc material. Thus, the model predicts a CRSS of 150 MPa for the matrix at 773 K. It has been demonstrated that the latent hardening behavior plays an important role in the evolution of intergranular strains. However, since no significant hardening is noticed in our material, and our interests are focused on the load partitioning mechanism upon yielding, the other plastic parameters were chosen merely to fit the experimental data for the β phase. By changing the magnitude of CRSS for the β΄ phase as the input parameter, a lower bound of the β΄ CRSS is obtained as 500 MPa at 773 K, below which the predicted β΄ phase strain departs from the experimental measurement. This trend suggests that the as long as the slip strength is larger than this value, the β΄ phase will deform elastically and support the applied load, as indicated by the neutron data in Fig. 11 . Therefore, there is no need for other plastic parameters to be specified for the β΄ phase.
Conclusion
The evolution of lattice strains at grain and phase levels under tensile deformation has been measured by in situ neutron diffraction in a precipitate-strengthened ferritic alloy Table 2 . Input material parameters of β and β΄ phases for crystal plasticity finite element simulations of the lattice strain evolution during tension at 773 K. 
